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Abstract

The study of surface segregation, although of great technological importance, has been
largely restricted to experimental work due to limitations associated with theoretical methods.
However, recent improvements in both first-principles and semi-empirical methods are opening
the doors to an array of new possibilities for surface scientists. We apply one of these techniques,
the BFS method for alloys, which is particularly suitable for complex systems, to several aspects
of the computational modeling of surfaces and segregation, including alloy surface segregation,
structure and composition of alloy surfaces, and the formation of surface alloys. We conclude
with the study of complex NiAl-based binary, ternary and quaternary thin films (with Ti, Cr and
Cu additions to NiAl). Differences and similarities between bulk and surface compositions are
discussed, illustrated by the results of Monte Carlo simulations. For some binary and ternary
cases, the theoretical predictions are compared to experimental results, highlighting the accuracy

and value of this developing theoretical tool.
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1. Introduction

Due to energetic factors, the composition and structure of the surface of metallic alloys usu-
ally vary from those of the bulk material. These differences between surface and bulk composition
have been the subject of numerous theoretical and experimental studies, especially since a
detailed knowledge of surface composition and structure is a prerequisite for understanding mac-
roscopic surface properties such as adhesion and catalysis [1-4]. While there has been substantial
effort in examining surfaces of pure elements and the study of the surface behavior of binary
alloys is rapidly developing, our knowledge of surface behavior rapidly deteriorates as alloys
become more complex. In contrast to the abundant work done on binary systems, few studies of
ternary or higher component systems have been performed [5].

Yet, a better understanding of alloy surface properties would be highly desirable and could
even lead to advances in our ability to effectively design alloys for surface-related applications,
especially if the appropriate design tools existed. When mature, computer-aided alloy design
would be preferred to the traditional and often expensive empirical approach used for predicting
bulk properties, where new alloys are developed from an incremental extrapolation of properties
in a large database, generally by trial-and-error.

Computer methods can be divided into two broad categories: ab-initio methods and semiem-
pirical approaches. However, both of these processes still have basic limitations associated with
them. Ab-initio approaches, while deemed highly accurate and informative, involve computer
intensive calculations, which place practical limits on the complexity of the systems that can be
studied. In general, these methods are not efficient handling systems that contain three or more
elemental constituents, changes in crystallographic structure, and dynamic processes such as
annealing. These problems place practical but severe limitations based on computer time require-
ments. Therefore, ab-initio approaches have been used mainly for only the simplest systems and
problems.

On the other hand, semiempirical methods, while much more computationally efficient, have
in the past been plagued with their own set of problems. Initially, these included the inability to
properly represent the appropriate interactions in many-component systems and to deal with crys-
tal structures that are more complex than the simple bec, fcc and hep symmetries. Progress in

resolving these deficiencies over the last decade has resulted in a rapid growth in the area of

NASA/TM—1999-209042 2



semiempirical techniques [7-9]. However, methods that exhibit a great deal of accuracy for bulk )
materials often fail to reproduce even some of the most basic properties of surfaces. Therefore,
most of the semiempirical methods currently available do not perform very well in solving prob-
lems related to alloy surfaces or thin films. There is an additional problem, associated with param-
eterization, that limits the flexibility of most semiempirical techniques. In general, their field of
applicability to monoatomic or very specific binary systems for which system-specific parameter-
ization or potentials are used, severely limits the transferability of a developed model to even a
similar problem without having to completely re-parameterize the process.

Consequently, our contention is that growth in theoretical surface analysis of higher order
alloys has been frustratingly limited. But, with the proper tool, such a technique could provide a
wealth of reliable informationin this area, as we will begin to demonstrate in this paper. A recently
developed approximate technique introduced by Bozzolo, Ferrante and Smith (BFS) 7], shows
great promise in efficiently dealing with complex systems and geometries, with the added advan-
tage of a simple parameterization scheme. The BFS method is free of most of the limitations dis-
cussed above that are characteristic of other comparable semiempirical methods. Most
importantly, it imposes no restrictions on the type or number of metallic elements or on the crys-
tallographic structure under study.

The goal of this paper is to examine the contribution of BFS and other semiempirical methods
to the study of surface properties. Although the emphasis is on surface segregation, it is our objec-
tive to provide a comprehensive description of the different issues relevant to surface segregation
within the framework of a powerful computational technique. We therefore begin this presenta-
tion with a brief description of the BFS method, followed by a simple analysis of alloy surface
energies and structure. Previous attempts to tackle this fundamental problem by means of other
computationally efficient techniques with comparable physical basis have shown substantial limi-
tations. Most techniques rely on the derivation of interaction potentials or energy functionals
parameterized by bulk properties, which fail to handle such a drastic defect as a surface with sim-
ilar accuracy. The BFS method, due to the concepts underlying its formulation, performs as well
in surface analysis calculations as it does in the bulk, as we will show later, thus providing a solid
foundation for the study of surface composition of higher order alloys.

We continue our presentation by investigating, both analytically and numerically, the process

of surface segregation. In doing so, we exploit both the mathematical simplicity of BFS for the
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derivation of simple concepts for describing the segregation process as well as the computational
efficiency of the BFS method by performing large scale Monte Carlo temperature dependent sim-
ulations for the determination of surface segregatiqn profiles of binary alloys. We also discuss the
related problem of surface alloying, with emphasis on the formation of surface alloys of immisci-
ble metals.

The second half of this paper is devoted to a numerical analysis of ternary and quaternary
alloy surfaces. Due to the complex nature of this problem, we first comment on the bulk properties
of the alloys considered, as predicted by BFS and demonstrated experimentally. Having estab-
lished the validity of the methodology and the accuracy of the parameterization used, we then per-
form an extensive analysis via large scale Metropolis Monte Carlo simulations of the surface
composition of ternary and quaternary NiAl-based alloys which have yet to be examined experi-

mentally.

2. The BFS Method

Since its inception a few years ago, the BFS method has been applied to a variety of problems,
starting with the basic analysis of bulk properties of solid solutions of fcc and bec binary alloys
(heat of formation [10], lattice parameter [11]) and more specific applications like the energetics
of bimetallic tip-sample interactions in an atomic force microscope [12] as well as Monte Carlo
simulations of the temperature dependence of surface segregation profiles in Cu-Ni alloys [13].
The validity of these studies is largely based on a detailed analysis of the corresponding surface
structure of the metallic alloys studied[14]. More recently, the ability of the BFS method to deal
with alloy surfaces as well as the phase stability in bulk alloys has been illustrated in analytical
studies and numerical simulations of surface alloys [15,16] and the design of Ni-based quaternary
alloys [17], providing a strong foundation for the work presented in this paper. An additional
advantage of BFS is that it allows for deriving simple, approximate expressions which describe
the trends in segregation as well as elucidating the driving mechanisms for these phenomena [18].
As a consequence of the ideas underlying the foundation of BFS, simple expressions for predict-
ing the composition dependence of bulk alloy properties based solely on pure component proper-

ties have been recently derived (the BF rule) [19], providing an alternative to the commonly used

NASA/TM—1999-209042 4



Vegard’s law [20]. In particular, the BF rule was used in the present work to compute the lattice
parameter of the ternary and quaternary systems studied, for which no experimental data yet exist.
In what follows we present an operational review of the BFS method. Due to its novel way of
partitioning the energy into structural and chemical contributions, this presentation should be
complemented with a review of previous applications, in order to familiarize the reader with the
main concepts discussed below [7,10-14,16-19].
The BFS method is based on the idea that the energy of formation AH of an arbitrary alloy

structure is the superposition of individual contributions ¢, of all the atoms in the alloy [7],
AH =Yg =Y (e/;-¢) (n
i i

where ¢’; is the energy of atom i in the alloy and ¢; is the energy of this atom in its equilibrium

single crystal. Each individual contribution g; can be interpreted as the superposition of two dis-

tinct processes that, properly coupled, attempt to simulate the process of alloy formation: a strain
chem C

S . Co . . .
energy, ¢; ,and a chemical energy, ¢; =e¢ —¢ ’ | linked by a coupling function g

g = ef+gi(ei€—e,~c") (2)
where i/ denotes the atomic species of a given atom (eC” is a reference energy to be defined later).
The strain energy, e?, accounts for the actual geometrical distribution of the atoms surrounding
atom i, computed as if all its neighbors were of the same atomic species as atom ;. ef is then
evaluated with any suitable technique for computing the energy of a monoatomic crystal. In this
work, as in all previous applications of BFS, we use Equivalent Crystal Theory (ECT) [21]. ECT
provides a simple, straightforward way to compute the strain energy in a framework consistent
with the formulation of BFS for computing the chemical energy.

Based on the assumption that the universal binding energy relationship of Rose et al. [22]

contains all the relevant information concerning a given single-component system, we write

s i s*
¢; = E-F(a; ) (3)

where E'C is the cohesive energy of element / and where
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Fa)=1-(1+d )" (4) -
S .
where a; , given by

s _ (4 -a)

a, = q—li——. (5)
is a scaled lattice parameter which contains the structural information of the defect crystal, in that
its magnitude and sign indicate a measure of the defect. The quantities af, and / are the equilib-
rium lattice parameter and scaling length, respectively, of a pure defect-free crystal of species i
The factor g in Eq. 5 is the ratio between the equilibrium Wigner-Seitz radius and the equilibrium
lattice parameter for element /. Within the framework of ECT, af can be interpreted as the lattice
parameter of an ideal, perfect crystal, i.e. the equivalent crystal, uniformly expanded or contracted
so that the energy per atom is the same as the energy of atom i in the actual, defect crystal.

The coupling term, g, is related to the strain energy in the sense that it contains information

. .S . .
on the structural defect included in ¢} . In evaluating eis, the scaled lattice parameter af can be

easily obtained from Eq. 5, from which the coupling term g; becomes

5

—U;

g = ¢ (6)
Using ECT for computing the strain energy introduces the added advantage that af (and thus
af* ) is directly obtained by solving the ECT equation for the defect crystal, as shown below.

In general, the ECT equation for computing the strain energy reads

)
o+ = |R,
_aRI ( A

~(o+ S
NRUe™ ™™+ MRDe - Zr;’e( U, (7
;

(see Ref. 7 for details) where N(M) is the number of (next-) nearest-neighbors in the equivalent
crystal of species i and R (R,) is the (next-) nearest-neighbor distance (to be determined from Eq.
7) in the equivalent crystal of lattice parameter af and where the quantities p, o, A, and the
screening function S are as defined in Ref. 21. See Table 1 for example values. In this formulation,

the parameter o plays a key role as it parameterizes the electron density in the overlap region

between to neighboring atoms. The sum on the right hand side of Eq. 7 runs over all nearest- and

NASA/TM—1999-209042 6



next-nearest-neighbors j of atom i at a known distance r; from the reference atom. Eq. 7 1s then
solved for the lattice parameter of the equivalent crystal aiS via R, and R,, which are the corre-
sponding nearest- and next-nearest-neighbor distances in the equivalent crystal. The strain energy
is then computed with Eq. 3.

For the particular case where all the neighboring atoms are located at lattice sites, r; = r; and
S(r,) = 0 for nearest-neighbors; ri=r; and S(r,) = 1/A for next-nearest-neighbors; and if nis
the actual number of nearest-neighbors and m is the corresponding number of next-nearest-neigh-

bors in the real crystal, then Eq. 7 is simply

]) |
~lo+= 1R, o+ =
—oR ( A -0 ( l) :
NRl;e '+MR'27e = nr'l)e !

" + mrz’e (8)

Rigorously, the computation of the strain energy includes four terms (see Ref. 21). In this
work, we neglect the three- and four-body terms dealing with the bond angle and face-diagonal
anisotropies and retain only the two-body term that accounts for bond-length anisotropies [7,21],
which we expect to be relevant for atoms in the top (surface) layers. The higher order terms would
be proportional to the small local fluctuations of the atomic positions around the equilibrium lat-
tice sites. We expect that the leading term (Eq. 8), will adequately account for these small distor-
tions.

In the chemical contribution eiC, as opposed to the strain energy term, the surrounding atoms
retain their chemical identity, but are forced to be in equilibrium lattice sites. The changes in elec-
tron density in the overlap region between neighboring atoms is now different from that used in
the calculation of the strain energy (where all atoms are of the same atomic species). These
changes are taken into account by introducing a small perturbation to the parameter o of the refer-
ence atom, denoting the fact that a neighboring atom could be of a different element. We therefore
introduce the BFS parameters A,; (A ) to denote the influence of a neighbor of species & (i) on
the electron density in the vicinity of the reference atom i (k), so that o, = o, + A,
(o; = o, + A, ) (see Table 2) is used for the interaction between atoms ¢ and k. If N, (M) de-
notes the number of species & (next) nearest-neighbors of the atom in question (of species i ), then

the BFS equation to be solved in order to find the equivalent lattice parameter aiC is
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+MR»_,'e = ZN“\,rlfie "+2Mikr2i‘e ' (9)

where N(M) is the number of (next) nearest-neighbors in the equivalent crystal of species i.
R|(R,) is the (next) nearest-neighbor distance in the equivalent crystal of lattice parameter a,.C.
The distances r, and r, are the equilibrium nearest- and next-nearest-neighbor distances in an

equilibrium crystal of species i, respectively. The chemical energy is then computed with

ef = YELF(@a! ) (10)

Experimental values ECT parameters

Atom Lattice Cohesive Bulk p o A |
Parameter Energy Modulus

(#) V) | (GPy) A | AYH | @
Ni 3.524 4435 187.6 6 3015 0.759 0.270
Al 4.05 3.34 79.4 4 2.105 0.944 0.336
Pd 3.89 3.94 195.4 8 3612 0.666 0.237
Ag 4.086 2.96 108.7 8 3.337 0.756 0.269
Cu 3.615 3.50 142.0 6 2935 0.765 0.272
Au 4.078 3.78 180.3 10 4.339 0.663 0.236
Pt 392 5.85 288.4 10 4.535 0.666 0.237

Table 1. Experimental values [21] for the lattice parameter, cohesive energy and bulk modulus for the fce elements
used in this work. The last four columns display the resulting Equivalent Crystal Theory (ECT) [21] parameters
determined from fitting to the experimental values of the heat of solution. p is related to the principal quantum num-
ber n for the atomic species considered (p=2n-2). o parameterizes the electron density in the overlap region between
two neighboring atoms, A is a screening factor for atoms at greater than nearest-neighbor distances and / is a scaling
length needed to fit the lattice parameter dependence of the energy of formation with the universal binding energy

relationship of Rose et al. (22).
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and

o ] C():E:
e;" = YoE-F(a;") (11)
o Cx( Gy .
where y(yy) = 1 if ¢; ("i 20and y(y,) = -1 otherwise, and
aiC* = q(af-aj,)/l,. (12)

The scaled lattice parameter al.C* is obtained from Eq. 9 with the parameters A, listed in Table 2,
and aiq’* is computed by following the same procedure used for aic* but with o, = ;. As
defined, el.CO plays the role of a reference chemical energy, as it frees e from the influence of any
structural defect.

When dealing with alloys with an underlying crystallographic structure similar to that of the
constituents (i.e., NizAl is an fcc-based alloy, as well as its components Ni and Al), the parameter-
ization of the method can be easily done using readily available experimental data. Later in this
work, however, we will explore situations where the alloy has a different crystallographic struc-
ture than that of its constituents (i.e., NiAl is a bce-based alloy, with fcc elements Ni and Al). The
BFS method requires consistency between the crystallographic structure of the alloy under study
and its constituents. The cohesive energy, lattice parameter and bulk modulus of Ni and Al (and
any other alloying addition) in the bec phase will thus be needed, for which, obviously, there is no
experimental data available. Such a calculation can be easily carried out using first-principles
methods. Moreover, simple first-principles approaches can be used in either case (whether experi-
mental data 1s available or not), thus providing us with an efficient way of determining the neces-
sary parameters regardless of the type of alloy or elements under consideration or the availability
of experimental data. All current applications of BFS are based on this approach, where all
parameters used are generated using first-principles methods, introducing consistency in the for-
mulation and application of the method.

In this work, however, we will use both approaches (i.e., experimental and theoretical parame-
ters) with the sole purpose of investigating the role of the parameterization scheme used in the
final results. Therefore, the first few examples to be shown in later sections (surface energies, sur-

face relaxation, surface segregation of binary systems and surface alloying) will be based on ECT
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M INi Al Cu Ag Au Pd Pt

Ni -0.0861 0.0309 -0.0622 -0.0396 -0.0609
Al | -0.0657 -0.0526 -0.0499 -0.0501

Cu | -0.0163 | -0.0626 -0.0308 -0.06(34 —0.0{195 -0.0585
Ag 0.0475 -0.0391 -0.0333 -0.0451

Au | -0.0506 -0.0853 -0.0513 -0.0227 -0.0460

Pd | -0.0478 -0.0495 -0.0178 -0.0345

Pt ] -0.0537 -0.0441

Table 2: BFS parameters Aij and Aj’-(see text).

and BFS parameters determined experimentally for the fcc elements used (see Tables 1 and 2). In
the second half of this paper, we will explore bcc-based systems with a mixture of bee, fee and
hep constituents, highlighting the need of a reliable source of parameters when experimental data
is not available.

Table 1 lists the pure element ECT parameters for the fcc elements used in the first few appli-
cations. Table 2 lists the corresponding BFS parameters for A-B interactions (A and Aga)
obtained by fitting to the experimental values of the heat of solution in the dilute limit.

We should emphasize that in the context of BFS, the strain and chemical energy contributions
differ substantially in meaning from the ones these terms have in other approaches. The BFS
strain energy is related to the usual strain only in that the atomic locations are those found in the
actual alloy: the BFS strain energy of a given atom is then the actual strain that it would have in a
monoatomic crystal of the same species as the reference atom. Likewise, the BFS chemical contri-
bution is related to the usual chemical energy in that the actual chemical composition of the alloy
is taken into account, but with the neighboring atoms located in ideal atomic sites: the BFS chem-
ical energy of a given atom is then the actual chemical energy in an ordered environment with the
lattice spacing characteristic of the equilibrium lattice of the reference atom. Therefore, the BFS
contributions are, in a sense, a particular combination of the actual strain and chemical energies.
We refer the reader to previous applications of BFS for more insight on this issue [7,10-14,16-19],

and the success of this particular formulation.
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3. Surface Energy and Structure

As discussed earlier, the purpose of this work is to test the ability of approximate techniques
to describe the basic mechanisms that are necessary to provide a complete description of alloy
surface structure and composition. In what follows, we will address each one of these issues sepa-

rately.

3.a Surface Energy

In this section we concentrate on the determination of surface energies, multilayer relaxation
and individual atomic displacements off the surface plane for mixed composition truncations of
ordered binary alloys. The minimization of the surface energy for the many possible alloy surface
configurations determines the nature of surface segregation. Multilayer relaxations involve at best
exceedingly small changes in position, and comparable changes in surface energy, whose minimi-
zation determines the final geometry of the surface. In order for a semiempirical method to be use-
ful, it must accurately account for such small energy differences. The calculation of surface
energies and multilayer relaxations using BFS is a straightforward and computationally economi-
cal procedure. Ref. 7 provides the working equations necessary for that task. More importantly,
simple approximations can be made that allow for an easy interpretation of the qualitative behav-
ior of the system under study.

The success of BFS in reproducing experimentally observed structural surface properties
relies in the ability of ECT (used in the calculation of the BFS strain energy) to properly describe
such an extended defect as a surface [21].

Table 3 compares some experimental results for surface energies of polycrystalline surfaces of
Ni, Au and Cu with BFS (see Ref. 23 for a comprehensive presentation of such results) and the
Embedded Atom Method (EAM) [8]. Unfortunately, there are a limited number of experimental
results available for surface energies and they are generally limited to polycrystalline surfaces
because of the difficulty in performing the experiments. For this reason we present an average of
values for the (111), (100) and (110) planes, the lowest energy planes for both BFS and EAM
results, in addition to the calculated surface energies for each plane. As can be seen in Table 3, the

BES results agree quite well with experiment (~10%) and EAM [24] results tend to underestimate
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Method Au Cu Ni

Experiment 1500-1560 1770-2016 2240-2664

BFS 1132/1583/1619 (1445) | 1767/2309/2373 (2150) | 2274/2982/3073 (2776)
EAM 790/918/980 (896) | 1170/1280/1400 (1283) | 1450/1580/1730 (1587)

Table 3: Surface energies (in erg/cmz) of monoatomic crystals of Au, Cu and Ni. The first row
indicates the range of experimental values, the second and third rows indicate the BFS and
EAM [8] results, respectively, for the (111), (100) and (110) surfaces, with their average val-
ues between parenthesis.

Method (100)1:1 | (100)1:0 | (110)1:1 | (110)1:0 | (111)3:1
BFS [14] 2852 3168 3117 3964 2411
EAM [24] 1620 1885 1730 1920 1645

Table 4: Surface energies (in erg/cmz) for different truncations of Ni3Al, labeled by the truncation
plane and ratio of Ni to Al atoms in the surface.

(~40%). The relative failure of EAM to reproduce the observed experimental values can be traced
back to the definition of the embedding function, the main element in its formalism. This function
is determined under the assumption that any given atom is in a bulk environment, which is clearly
not the case in the vicinity of a surface.

Table 4 displays the corresponding predictions for Ni;Al surfaces by EAM [24] and BFS [14].
The BFS predictions are supported by the results in Table 3, which raise the necessary confidence
for further predictions (multilayer relaxation) based on the behavior of the surface energy as a

function of interatomic distance.
3.b Surface Relaxation
Much effort has been devoted to the study of surface relaxation in metals and, to a lesser

extent, alloys. Several recent experiments have provided insights into the phenomenon of surface

relaxation and composition in the case of alloys and correspondingly a few theoretical studies
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Surface | Change in interplanar spacing between layers i
energy | and j for an atom X in layer i (%)
Face (erg/cm?) A?z Afz A?} A§3 Ripple
Al-Ni | (100)1:1 | 2028.52 | +3.92(0.82) | -3.18(0.24) +0.94(0.64) +6.56(0.25) | 0.13165(0.0197)
2887.57 | -5.46(0.48) | +1.12(1.29) +1.30(0.45) +0.00¢0.00) | 0.11819(0.0317)
(100)1:00 | 788.52 -3.73(0.28) +2.59(0.29)
3156.69 | -0.54(0.49) +5.94(0.56) +0.66(1.14)
(100)0:1 | 3987.35 -3.72(0.92) +0.98(0.96)
3169.63 | -7.17(1.24) | -3.00(2.26) +0.29(2.34) 0.05310(0.0445)
(110)1:0 | 2074.33 -2.80(2.02) -10.46(0.7)
3885.99 | -7.98(0.79) +3.08(1.92) -1.40(2.16)
(110)0:1 | 329691 -11.14(0.54) | -1.54(1.39)
257554 | +5.08(0.39) | +13.05(1.18) | +11.07(0.38) | +2.34(1.13) | 0.16545(0.0327)
Cu-Au | (100)1:1 | 145149 | -1.83(0.18) | +6.07(0.50) +8.87(0.18) +1.00(0.46) | 0.15423(0.0131)
192298 | -6.51(0.30) [ +1.42(0.66) +1.67(0.28) 0.14941(0.0182)
(10O 1:0 | 2572.39 -0.75(0.93) +0.20(0.36) +0.18(0.97)
2205.44 +2.36(0.33) +10.47(0.35) | +1.33(0.85)
(100)0:1 | 1344.69 -2.86(0.37)
2453.12 | -3.63(0.85) | +6.58(1.48) +10.0000.85)
(11M1:0 ] 1999.26 | -11.63(0.4) -8.79(0.96) -2.99(0.61)
2649.79 | -8.07(0.61) +7.56(1.17) -1.65(0.86)
(110)0:1 | 2033.18 -1.66(1.25)
1309.49 +8.600(0.22) | +16.68(0.52) | +15.93(0.20) | +2.48(0.87) | 0.17583(0.0160)
Ni-Pt (100 1:1 | 2153.11 -4.63(0.18) | +2.08(0.44) +5.87(0.19) -0.87(0.41) | 0.12808(0.0118)
2577.37 -9.03(0.29) | -1.81{0.62) -0.66(0.26) 0.13363(0.0168)
(100)1:0 | 3248.61 -3.75(0.68) -1.60(0.73)
275994 | -0.46(0.29) +7.99(0.30) +1.63(0.32)
(100)0:1 | 2228.15 -5.60(0.35) -1.94(0.33)
3355.64 | -4.79(0.77) | +3.49(1.32) +8.72(1.08) 0.10835(0.0274)
(L) 10 | 2519.11 -11.94(0.4) -3.38(0.61)
323427 | -9.83(0.48) +5.24(1.25) +6.98(1.14)
(H1O)0:1 | 3057.54 -2.66(1.13) -9.56(0.83)
2042779 | +3.67(0.20) | +11.18(0.49) | +11.22(0.19) | +2.84(0.17) | 0.16040(0.0148)

Table 5: Surface encrgies and planar relaxation of the two top layers of several low-index faces of the L1, (first line
for each surface truncation) and L 15 {second line) ordered structures. The number in parenthesis is a measure of the
uncertainty in the theoretical prediction due to uncertainties in the input parameters used. The Jast column indicates

4]
the distance (in A) between atoms of different species in the same (top) plane | 14].
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have shown good general agreement with experimental results. The first experiment that provided
detailed information on the atomic positions of surface atoms in a truncated ordered alloy was the
low energy electron diffraction (LEED) intensity analysis of a NiAl(110) surface by Davis and
Noonan [25], finding strong evidence for a rippled surface, where the Al sites of the top layer (in
the mixed-composition truncation) are displaced above the Ni sites by approximately 0.22 A. This
result was followed by EAM calculations by Chen et al. [26] confirming the main experimental
features. Several theoretical and experimental studies were later performed to investigate similar
phenomena in other ordered alloys (NizAl [24-27], Cu-Au [28-31], Pt-Ni [32]). In what follows,
we present a brief overview of BFS predictions for these and other systems.

Table 5 shows BFS results for the surface energies [14], multilayer relaxations and, when
applicable, the rippling of the topmost layer in a number of binary alloys with similar symmetry.
With very few exceptions, most of these results are of a purely predictive nature, with the objec-
tive of encouraging future experiments along these lines.

Ref. 7 contains a comprehensive presentation of the results summarized in this paper. More-
over, as pointed out earlier, this work addresses the issue of the parameterization based on experi-
mental data. Relying on such input can introduce a substantial degree of uncertainty in the results
obtained with BFS or comparable methods that base their accuracy on the quality of the parame-
ters used. These parameters are generally obtained from different experiments for different ele-
ments or alloys, thus introducing undesired inconsistency in the results. In addition, experimental
values are often quoted with a margin of error that is difficult to translate into a corresponding
‘error’ in the theoretical predictions. Therefore, Table 5 introduces an ‘error bar’ for the BFS
results (between parentheses), indicating the variation of the predicted values for planar relax-
ations due to changes of 1 % in the input parameters. While in general this variation does not
translate into substantial changes in the qualitative behavior of the predicted properties, it hints at
the need to develop alternative parameterization schemes that would result in a greater consis-
tency between different elements and alloys as well as a precise and unique value for predicted
quantities. For this reason, as well as for the additional fact that some parameters are not available
experimentally, we developed a new parameterization scheme - to be used in the second half of
this paper- based on first-principles calculations, thus freeing BFS from any dependence on exper-

imental input.
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4. Surface Segregation and Surface Alloying

4.a Surface Segregation of Single Substitutional Impurities

In keeping with the theme of this publication we present the results of applying BFS to surface
segregation and surface alloying in binary alloys. We proceed by examining predictions of segre-
gating species for dilute solutions in binary alloys [18], then examine predictions for surface con-
centration profiles of single crystal Ni-Cu solutions [13], and finally present results of surface
alloying for Au on a Ni (110) surface [15,16]. The qualitative and quantitative success of these
predictions will, it is hoped, lend credence to the thin film, multi-component results to follow in
the final section of this paper.

The heat of segregation is defined as the difference between the heat of formation of a semi-
infinite A crystal with an impurity B located at a lattice site on plane p (p= 0 is the surface plane)
parallel to the surface, and the same structure but with the atom B located in a lattice site deep
within the bulk (p=b). In this calculation we ignore relaxation effects around the impurity (i.e.,
small atomic displacements of the atoms from their equilibrium positions) as well as surface
relaxation of the host crystal in order to concentrate on the role of other factors as driving forces
for segregation.

Consider a cell containing the impurity atom such that the host atoms on the boundary of this
cell are insensitive to the presence of the impurity. The cell is a sufficiently large piece of the crys-
tal which includes not only the impurity atom in layer p and its surrounding neighbors, but also
several other atoms located in intermediate layers g (¢ =0, 1,..., p,..., b). With this definition of the
size of the cell we expect to properly take into account the presence of the free surface. The defi-
nition of the cell will depend on the particular crystal structure and face studied. For example, in
the absence of planar relaxations in an fcc (100) face, all the atoms in the top two layers (p =0, 1)
are affected by the presence of the surface (i.e., an atom in layer p =2 has all its nearest and next
nearest neighbors between layers p = 0 and p = 4). In the non-relaxed case, the intermediate lay-
ers between the surface region and the bulk do not contribute to the calculation of the heat of seg-
regation, making the calculation easier, as it significantly reduces the number of atoms to be

considered (a more complete discussion can be found in Ref. 18). Therefore, the nature of the
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() s s | s s
Host | Impurity | Exp. BrFs | ASs B~ B, | By A,
Cu Ni + + + + +
Ni Cu - - - + -
Ag Cu + + + + +
Cu Ag - - - + -
Ag Pd + + + +
Pd Ag - - - + -
Au Cu + + + + +
Cu Au - - - - -
Au Ni + + + + +
Ni Au - - - - -
Au Pd + + + + +
Pd Au - - - + -
Cu Pd - - + -
Pd Cu + + + +
Cu Pt - - - i
Pt Cu - + + + +
Ag Au + - -
Au Ag ? + + + +
Ni Pd - - - - -
Pd Ni + + + + +
Ni Pt - - - -
Pt Ni + + + + +

Table 6 : Segregation trends where (-) means segregation of the impurity occurs and (+) means it does not. (7) means
that experimental results are ambiguous [18]. See text for an explanation of the quantities listed in the last three col-
umns.

problem allows for a number of simplifications that result in a rather simple set of final working

equations. We define the heat of segregation as,

r

where AE| p. B and AE| p, 4] ar€ the energies of formation of the computational slab with a B atom

in layer p and an A atom in the same place, respectively. Using Egs. | and 2, a somewhat straight-
yerp p p y g bq 8

forward derivation provides an explicit expression for AES(”) in terms of individual atomic con-

tributions as well as the distinction between BFS strain and chemical energies,
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where e;'_ is the strain (Y = §) or chemical (¥ = C) energy of an atom of species X (X = A, B) in
plane i. N and M denote the number of nearest and next nearest neighbors of the atom in the bulk
(N =12 and M = 6 for fcc elements) and nf; (mg ) denotes the number of (next-) nearest-neigh-
bors in layer g of an atom located in layer p. The scaled lattice parameter a)y(, is obtained from
Eq. 5. The evaluation of the different terms in Eq. 14 is a simple numerical exercise, which is even
amenable to approximations that allow for the derivation of simple expressions for AES(”).

In Table 6 we present a summary of the segregating species comparing BFS predictions (Eq.
14) with experiment. We can see that there is excellent agreement in all the cases considered, with
disagreement for only one out of the sixteen systems where experimental data was available, Cu
in Pt. The heat of segregation predicted by BFS in this case is very small and may require a more
careful consideration of the sensitivity to fitting parameters, and as well may be a situation where
relaxation effects (due to the large mismatch between Cu and Pt) cannot be ignored.

It is interesting to examine Eq. 14 in some detail as it provides a simple, analytical way to 1so-
late the different mechanisms involved in segregation and their influence on the heat of segrega-

tion. Eq.14 shows that two distinct contributions are responsible for segregation: a strain term,

(m»H _ S M )S
ASS -_— eB/)_eBh“(AP ( IS)
and a chemical term
AC” = AE" _as P (16)

both defined in the context of BFS (meaning that “strain™ denotes a somewhat different effect
from the one commonly associated with that name).

One immediate conclusion regarding the driving mechanism is drawn from the predictions
which are summarized in Table 6: the strain energy contribution consistently has the same sign as
the whole quantity AEﬁ’)) indicating that the segregation trends obtained from Eq. 14 are dictated
by the relative value of the strain energy, as one would expect. Moreover, two different contribu-
tions can be selected from the different terms that make up the strain energy: (}f’;v - egh, directly

. . . s s o
related to the structural strain induced by the presence of the impurity, and ¢ —¢, , which indi-
p P
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rectly reflects the difference in surface energies of the two participating species (note that, as
defined, these are not competing mechanisms). The first quantity ef}p_egb does not follow the
correct trend for the total BFS energy in all cases, although it tends to do so as the lattice mis-
match between species A and B increases. We then conclude that only when the lattice mismatch
is sufficiently large so as to make AS < O can this effect be taken as the one responsible for identi-
fying the segregating species. The ‘surface energy’ term, ef?,,_ef%,,’ consistently reproduces the
same trends as AE_ as a whole, as well as trends in experimental results. These results are dis-
played in Table 6: the first column shows typical experimental predictions [18] for the sign of
AEE_O). The second column displays the corresponding results obtained from Eq. 14 and the last
three columns the signs of ASS(O) , ezo— ezh and ef;o— eio. A negative sign in the first two col-
umns indicates that the impurity atom segregates to the surface. We have also examined the
effects of surface relaxation on the segregating species and found that although naturally the heats

of segregation were changed, the trends were not substantially affected for the systems examined

(Ref. 18).

Host | Imp. Face Method AES(O) AES( . AES(z) AE5(3) AES(4)
Ni Cu (100) BFS -0.40001 -0.02376 0.00015 0 0
EAM -0.426 0.045 0.002 0 0
(110) BFS -0.51134 -0.0946 -0.03232 -0.00698
EAM -0.538 -0.029 0.039 0.002 0
(1n BFS -0.31623 -0.0217 0 0 0
EAM -0.304 0.029 0 0 0
Cu Ni 100y BFS 0.34956 0.03424 0.0003 0 0
EAM 0.233 -0.147 -0.002 0 0
(110) BFS 0.45169 0.1328 0.04786 0.01049 0
EAM 0.349 -0.115 -0.092 -0.005 0
(1 BFS 0.29488 0.030725 | 0 0
EAM 0.160 -0.090 0.002 0

Table 7: Comparison of BFS and EAM results for the heat of segregation of a single substitutional impurity for differ-
. n) . - . . -
ent crystal faces ( AES( ) is the heat of segregation (in ¢V) for the sith layer below the surface, the EAM results were

taken from Ref. 33).
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As we move down to planes below the surface, one would expect the chemical effects to dom-
inate as the influence of the surface is lessened, resulting in a more delicate balance between AS
and AC, which could translate into segregation patterns where certain layers are enriched and oth-
ers are not, sometimes in an oscillatory fashion.

In studying the segregation trends for layers below the surface plane, the lack of reliable
experimental data leads us to compare our predictions with other theoretical approaches. In Table
7, we compare BFS and EAM [33] results for the Cu-Ni system, presenting the heats of segrega-

tion of a single substitutional impurity for different crystal faces. We can see that there 1s reason-

Cu (111)
1.0 —
Sty
0.8
o> 0.6 .
Q
S
=
=
7
g
o 04
0.2
0 | | ] 1
0.0 0.2 0.4 0.6 0.8 1.0
XCu(bUlk)
O BFS results 4 ¥ EAM results All other symbeols: Experiment
(Ref. 34-36)
Fig. I: Cu(111) surface composition vs. Cu bulk composition: comparison between the experimental and theoretical

results for the first and second planes. BFS results are indicated by circles, joined by a line to guide the eye. EAM
results are indicated with 4 for the top plane and Y for the second plane. All other symbols correspond to different
experimental results. See Ref. 13 for a full description of experimental and theoretical results. as well as referenced
experiments.
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able agreement for the top plane, but disagreement for the predictions of the lower lying planes.
We will address this issue shortly, when we present a comparison of surface profiles with experi-

ment.

4.b. Segregation Profiles of Binary Alloys

The generalization of the approach used in dealing with single impurities to the more general
problem of determining segregation profiles [32] is beyond the scope of this paper. In dealing with
this problem, we will concentrate on the results of computer simulations based on a Metropolis
Monte Carlo algorithm using the BFS method at each step in the simulation.

We therefore conclude our discussion on surface segregation in binary alloys with the results
from a segregation profile study of the (111) face of the Cu-Ni system at 800K for which there are
substantial experimental and theoretical studies [33,34].

The theoretical procedure used to determine the segregation profiles is a variant of the
Metropolis Monte Carlo method. Initially a computational cell consisting of 15 layers of 98 atoms
is set up. A starting composition is chosen, and each atom within the cell is assigned a species
probabilistically, so that the initial composition is uniform, both throughout the cell and within
each individual layer. All but the last four layers are “active” in that their compositions are
allowed to vary during the computation. For reasons having to do with the details of the energy
calculations, the last four layers are static, and change neither composition nor the detailed distri-
bution of the two chemical species within each layer. As the simulation proceeds, a pair of atoms
of opposite species is chosen randomly from within the active region of the computational cell,
and the total energy of the cell is computed using the BFS method. The chemical species of the
two atoms are reversed and the total energy is recomputed. The reversal is accepted if it lowers the

energy, or accepted with a probability ¢ *5/*"

if it raises the energy (AFE is the difference in
energy between the initial and final state), according to the Metropolis criterion. The simulation is
continued until the segregation profile attains a steady state.

Representative results of this simulation are presented in Fig. 1, where the Cu surface concen-
tration is plotted as a function of bulk concentration. Even at low Cu concentration, there 1s a sub-
stantial increase of Cu in the surface region, consistent with the trend observed in Table 7. The

BFS results are in excellent agreement with experiment for the whole composition range. We
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found that there is no concentration reversal for high Cu concentrations as found by Sakurai et al.
[34]. Simulations were carried out as a function of temperature and crystal face. In all cases,
monotonic profiles were found.

More importantly, we quantitatively predict Cu enrichment in the layer below the surface, in
agreement with experiment but contrary to the depletion predicted by EAM [33] (Y’s in Fig. 1).
This disagreement between EAM and experiment can be seen already in Table 7, where Cu pres-

ence in the first layer below the surface is energetically unfavorable.

4.c. Surface Alloys

We conclude this section with a discussion of the BFS predictions of surface alloying in the
Au on Ni system [15,16]. A discussion of other surface alloys can be found in Refs. 35 and 36.
Although this is strictly speaking not surface segregation, the sensitivities needed to determine
behavior are the same as for surface segregation.

The first demonstration of surface alloying of immiscible metals was performed with the
scanning-tunneling microscopy studies of Nielsen et al. [15] for Au on Ni (110). A wealth of
recent experiments [35,36] has shown that the alloying patterns are unexpectedly complex, thus
semiempirical techniques and the ensuing modeling efforts must predict, classify and understand
these complexities.

Two different paths can be taken to understand this phenomenon from a theoretical stand-
point: one, performing large scale numerical simulations and comparing the outcome with experi-
mental results; another, performing detailed analytical calculations on a number of likely atomic
distributions. While the first approach, computationally oriented, helps in the interpretation of the
experimental results, the second approach results in a deeper physical insight into the inner work-
ings of the process under study. For our study of surface alloying of immiscible metals, we chose
the second approach, based on the development of a catalogue of configurations representing
accessible states of the system, which may or may not describe the actual atomic distribution dur-
ing the actual process of surface alloy formation. In doing so, we can obtain valuable information
on the basic mechanisms guiding the process.

Zero-temperature BFS results are therefore based on an energy analysis of a large number of

possible distributions of the adatoms. Starting with low coverage, a few adatoms are located either
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in specific sites in the overlayer or in substitutional sites in the surface plane with displaced sub-
strate atoms. The energy of formation of these arrangements is computed similarly to the method
just described for segregation and then the process of surface alloy formation (when the adatoms
insert themselves in the substrate forming a one- or two-layer mix) is reconstructed. For this work,
we used an approach where a set of possible configurations is determined, responding to the sym-
metries of the surface under study and concentrating on the type of atomic distributions that could
have some physical meaning. Creating this type of ‘catalogue’ of possible or likely configurations
is an alternative to a pure numerical analysis, with the advantage that one can extract from the
results trends and features that cannot be obtained from am extensive numerical approach. While
this form of ‘static’ analysis does not take into account thermal diffusion eftfects, it is to be
expected that even within the constraints of the calculation (no planar relaxation or defect forma-
tion) the theoretical results should clearly indicate whether a configuration is favored or not.
Summarizing, a number of subtle effects which occur are correctly predicted by BFS. First, at
low coverages, injection of a single atom is energetically favored in the surface plane of the Ni,
but not in the second layer. Second, insertion of Au dimers is favored in the surface layer over
monomers, with again no insertion in the second layer. Third, Ni chains of the displaced Ni in the
overlayer are formed along the close-packed direction. Finally, at higher Au coverage (~.5 mono-
layers), a phase separation occurs where the Au atoms form a homogeneous Au overlayer, revers-
ing the process of surface alloy formation. Each of these features is predicted by BFS along with
the quantitatively correct coverage for phase separation. Effective Medium Theory (EMT)
explains these results theoretically [15] and presents a simple explanation which is also concluded
from BES for such a process. Moreover, the simple BFS formalism allows for the determination
of the ‘effective’ coordination, i.e. the number of surface atoms that an adatom needs to be sur-
rounded by, in order to reproduce its own bulk electronic environment. This concept, suggested in
the original EMT analysis of this phenomenon [15] can easily be quantified and extended by
means of the BFS equation actually providing a measure of effective coordination and its conse-
quences [16]. For example, the presence of Au dimers in a Ni(110) surface plane is explained by
the fact that the Au dimers find an electronic density similar to that found in a pure Au Crystal.
This concept also explains why penetration to deeper layers is not favored and how specific order-

ing patterns can be achieved.
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5. Surface composition of ternary and quaternary alloys

Having shown the ability of the BFS method to deal with the different aspects of surface struc-
ture and composition of binary alloys, the main purpose of this section is to illustrate an applica-
tion of the BFS method to surface studies of multicomponent metallic systems (beyond binary
alloys) by showing theoretical results for films of binary, ternary and quaternary alloys of Ni, Al,
Cr, Ti and Cu.

Our emphasis on NiAl-based alloys is due to the particular relevance they have in industrial
applications [37] although, unfortunately, experimental data for thin films and surfaces of these
systems is not currently available. The predictive nature of our results finds validation in the suc-
cess of the BFS in reproducing the experimental evidence concerning the defect structure of Ni-Al
[38], Ni-Al-Ti and Ni-Al-Cr [39] alloys. It is expected that the credibility raised on the BFS pre-
dictions based on the results shown in Refs. 38-39, together with the solid foundation built on pre-
vious BFS work on NiAl-based alloy structure, will translate into useful results in motivating and
aiding the analysis of these complex systems, should experimental work be carried out in the
future.

Except for a few comparative theoretical or experimental studies on the binary Ni-Al system,
there is virtually no other study - to the best of our knowledge- that deals with these multi-compo-
nent systems, giving the results presented in this section a purely predictive character. Needless to
say, the wide range of possibilities with such a large number of individual constituents demands a
long, comprehensive study, which is impractical by any measure. Therefore, we limit this first
attempt at analyzing high-order systems and their surface properties to two main issues: 1) a com-
parison of the surface composition with the bulk structure of the corresponding alloy and 2) a
selection of Monte Carlo simulations for those systems for which some experimental background
exists.

In this section we will study the behavior of bce, fcc and hep elements in a bee-based alloy.
For consistency, we have to use parameters for the individual elements, as well as for the interac-
tions between them, consistent with the underlying lattice of the alloy at hand. This requires the
determination of pure element physical properties for which no experimental values exist, which

have to be determined theoretically.
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In this work, we used the parameters A, and Ap, determined following the procedure out-
lined in Ref. 38. These parameters are obtained from first-principles, all-electron, density func-
tional based calculations of the elemental constituents and ordered binary compounds of these
elements. The particular implementation used in this work is the Linear-Muffin-Tin Orbitals
(LMTO) method [40] in the Atomic Sphere Approximation. As mentioned above, in order to pro-
vide parameters to the BFS method, we need to calculate the equilibrium properties of the ele-
mental solid for the same symmetry of the compound to be studied. This set of parameters is
accurately described by the Local Density Approximation [41]. Thus, for this case, we have cal-
culated Ni, Al, Ti, Cr and Cu single element properties (lattice parameter, cohesive energy and
bulk modulus) in the bee phase, as well as the energy of formation and equilibrium lattice param-
eter of the B2 ordered NiAl, NiTi, NiCr, etc., phases, whether they exist in nature or not. Calcula-
tions were done for different values of the lattice parameter, and total energies were then fitted to
the universal equation of state of Rose et al. [22].

The LMTO method uses a minimal basis set: in this work, we have used only s, p and d orbit-
als. All calculations were done with equivalent sampling of the Brillouin zone using, for the bce
lattice, 120 k-points in the irreducible wedge. Apart from the parameters describing the equation
of state of the element (lattice parameter, cohesive energy and bulk modulus), the parameteriza-
tion of the BFS approach requires the formation energy of a single vacancy (E,,.) in order to fix
the ECT parameter o.. We have also calculated E,,. with the LMTO method using a supercell
approach. Studies of the convergence of this property as a function of the supercell size showed
that, for the required precision in the calculation (0.1 eV/atom) and within practical computational
limits, a supercell of 8 atoms is necessary. As BFS is parameterized without considering the relax-
ation caused by the formation of a vacancy, no relaxation is allowed in the LMTO calculations.

The consistent parameterization of the BFS method also requires the calculation of the forma-
tion energy and equilibrium lattice parameter of an ordered binary compound. We have chosen the
bece based B2 structure for all the binary systems A-B (A, B = Ni, Al, Ti, Cr, Cu). This calculation
for the compound is equivalent in the basis set and sampling of the Brillouin zone used for the
pure elements.

The ECT and BFS parameters used in this work for Ni, Al, Cr, Ti and Cu are listed in Tables 8
and 9, respectively. Once these parameters are computed, they remain the same for any calcula-

tion involving any of these elements, requiring no further adjustment or replacement. It should be
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noted that, within this parameterization scheme, the numerical values of the BFS parameters A , 5
and Ay, can be easily obtained, as the simplicity of the BFS method ailows for a simple analyti-
cal procedure for the determination of such parameters [42].

The validity of the parameters listed in Tables 8 and 9 relies on previous applications of BFS
to the determination of the phase structure of bulk NiAl-based alloys with the same alloying addi-
tions considered in this work. Moreover, the same parameters can be used as long as either one of

these elements appears in a bee phase.

LMTO results ECT parameters
Atom | Lattice | Cohesive Bulk Vacancy | p Kot A 1
Paragneter Energy Modulus Energy (A_') (1&) (,&)
(A) (eV/atom) (GPa) (eV)
Ni 2.752 5.869 249.2 3.0 6| 3.0670 0.763 0.2716
Al 3.192 3.942 77.3 1.8 4| 1.8756 1.038 0.3695
Ti 3.213 6.270 121.0 2.0 6| 2.6805 1.048 0.3728
Cr 2.837 4.981 286.0 4.9 6| 2.8580 0.6460 0.2300
Cu 2.822 4.438 184.5 1.8 6| 3.1082 0.7614 0.2710

Table 8: LMTO and ECT parameters for the bee-structured versions of the various elements used in this work. The

first-principles LMTO parameters are used to determine the ECT parameters (see Ref. 21 or 23).

N Ni Al Ti Cr Cu
Ni 0.00000 -0.05813 -0.06582 -0.02975 0.02085
Al 0.08220 0.00000 -0.06360 -0.01307 0.05887
Ti 0.45690 0.22830 0.00000 0.06579 0.21964
Cr 0.20480 -0.01637 -0.04691 0.00000 0.02664
Cu -0.01489 -0.04793 -0.05555 -0.01016 0.00000

Table 9: BFS parameters from LMTO results for bee-structured alloys. The entry A;; corresponds to the BFS parame-
ter Ajj. (see Rel. 7).
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We first consider the different effect that Ti or Cr additions have on the NiAl base alloy, and
how these elements interact when added together, forming a quaternary alloy. Furthermore, we
compare these results with a Ni-Al-Ti-Cu alloy in order to highlight the effect of different alloying
additions to the surface features observed in the other systems.

We limit our discussion of results to BFS/Monte Carlo simulations, starting with the simple
NiAl system, then the ternary Ni-Al-Ti and Ni-Al-Cr systems and finally the quaternary Ni-Al-Ti-
Cr and Ni-Al-Ti-Cu cases. A brief analysis of the numerical results of the simulations accompa-
nies each example. The wealth of results presented here warrant a more detailed analysis based on
the energies calculated with the BFS method which, as described below, distinguish between
structural and chemical effects allowing for a straightforward interpretation of the observed phe-
nomena. This will be the subject of forthcoming publications, focusing the present work on an
overview of the general behavior of these multicomponent systems.

To date, the only experimental work has been limited to the binary Ni-Al system. There have
been a few surface studies of pure NiAl crystals [25,43,44]. The results for the (110) surfaces
showed no preferential segregation of Al, whereas the (100) surfaces clearly showed Al enrich-
ment. Al segregation would be expected based on surface energy and strain energy considerations.
However, Roux and Grabke [43] argue that the Ni-Al binding energy is sufficiently large to over-
come these effects. More recent experimental work clearly indicates the segregation of Al to the
(001) surface plane of NiAl alloys [45].

NiAl forms a B2 bce-based structure, with Ni and Al atoms occupying separate interpenetrat-
ing sublattices (Fig. 2.a). Experimental and theoretical studies coincide in estimating the solubil-
ity limit of Ti in NiAl between 5 % and 10 % Ti. Beyond the solubility limit, the formation of the
ternary ordered Heusler Ni,AlTi phase (Fig. 2.b) is observed [46,47]. From previous BFS calcula-
tions, the formation of Heusler precipitates has been determined by comparing the energy of for-
mation of every possible arrangement of Ni, Al and Ti atoms for a wide range of concentrations. It
was found that below 5 at. % Ti, Ti atoms remain in solid solution in the NiAl matrix, whereas
above that concentration, the formation of ordered Heusler structures is energetically favored.
This behavior has been justified by means of the types of bonds formed in such atomic arrange-
ment which clearly favors the Heusler pattern against any other ternary arrangement. For exam-
ple, BFS calculations together with Monte Carlo simulations indicate the possibility of alternative

ordered arrangements - a new ternary phase in the case of Ni-Al-Ti alloys [39] - but with a much
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lower probability of occurrence. Moreover, these same finite temperature Monte Carlo simula-
tions using the BFS method for computing the energy give some indication of the influence of the
temperature treatment on the final low temperature state of the alloy, where, essentially, the for-
mation of Heusler precipitates is favored by slow cooling processes.

Experimental results performed after the simulations confirm these findings [39]. Three NiAl
single crystal alloys (Ni-47Al1-3Ti, Ni-45A1-5Ti and Ni-43Al-7Ti) were grown by a bridgman
technique. The ingots were homogenized for 32 hrs. at 1644 K, aged for 6 hrs. at 1255 K and
slowly furnace cooled from the aging temperature. The purpose of this heat treatment was to pro-

duce a low temperature ‘equilibrium’ microstructure that would best correspond to the ground

(a) B2 NiAl O Ni O Al

(b) Heusler phase Ni,AlITi @ Ni ©Q Al @ Ti

Fig. 2: (a) B2 structure (NiAl) and (b) Heusler phase (Ni»AlTi).
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state conditions modeled with the BFS method. Samples for transmission electron microscopy
(TEM) were prepared from 3 mm diameter cylinders electro-discharge machined from the heat
treated ingots. Slices sectioned from the cylinders were mechanically ground and electrochemi-
cally thinned in a twin-jet Tenupol-3 polisher. Microstructural (brightfield/darkfield) and diffrac-
tion analyses were conducted in a Phillips 400T TEM equipped with a double tilt goniometer.
While the 3 % alloy has a clean and featureless microstructure, the 5 % alloy exhibits precipita-
tion of high density, extremely fine, second phase particles corresponding to a NiAlTi phase. The
7 % alloy displays well defined and coherent Heusler precipitate plates of different size.

The BFS calculation predicts the correct site preference scheme for Ti additions to NiAl, the
correct lattice parameter for the Ni, AlITi alloy (0.584 nm, experiment; 0.583 nm, BFS) as well as
the correct behavior for the lattice parameter for the whole range of Ti concentration in Ni-rich
NiAl-Ti alloys.

The success of the BFS method in correctly describing the bulk properties and behavior of
NiAl-Ti alloys establishes a reasonable degree of reliability of the method and the parameteriza-
tion of Ni, Al and Ti as determined by first-principles calculations.

A similar BFS analysis for NiAl-Cr once again provides results in excellent agreement with
experiment. The formation of o—Cr precipitates is observed both experimentally and theoretically
beyond 1-2 at. % Cr [48]. Moreover, the BFS calculations, as well as the finite temperature Monte
Carlo simulations using BFS for computing the energy, also agree with experiment with respect to
the orientation of the o-Cr precipitates in the NiAl matrix as well as in the formation of additional
phases.

Experimental results for NiAI-Cr alloys [48] indicate the formation of a two phase alloy, con-
firming the theoretical predictions. The agreement between the BFS results and experiment raise
the necessary confidence in the validity of the method and the Cr parameterization used.

While no similar studies exist for Cu in Ni-rich NiAl alloys, we have included such a case in
this work with the goal of examining the interaction between several types of alloying additions
and their influence both in the bulk and surface properties of these multicomponent alloys.

Given the complexity of the systems at hand, it is necessary, in this first attempt to describe
these systems, to simplify the analysis by concentrating on just one aspect of the problem, namely
the difference between bulk and surface composition, leaving for future studies the details in the

process of surface formation and segregation to the surface.
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To achieve this goal. we approach the simulations in the following fashion: 1) a free-standing
thin film with a predetermined crystallographic structure is defined (in our case, a bcc lattice ter-
minating in (110) surfaces on both sides of the film), 2) a composition is determined thus fixing
the number of atoms of each atomic species, such that every site in the film will be occupied (i.e.
no vacancies are allowed in this calculation), 3) an initial, random distribution is determined, cor-
responding to an elevated temperature state, 4) a Monte Carlo/Metropolis calculation (see Section
4.b) at different temperatures is carried out until the energy of the system converges to a constant
value. In all the calculations shown in this work, the temperature is steadily lowered in 100 K
steps, giving the atoms the chance to satisfy ordering conditions typically found in these alloys, or
some new ones solely due to the presence of a surface.

The simulations shown correspond to a process where a sequence of decreasing temperatures
(the ‘cascade’) is chosen [39], where the system is allowed to equilibrate sequentially at each tem-
perature (simulating the ‘slow cooling’ of the actual alloy, starting from high temperature disor-
dered solution, but always within the framework of a bcc-film). Because the lattice parameter and
all other properties are assumed to be independent of temperature, the temperature enters into the
calculation only through the Metropolis criterion. After the system has achieved equilibrium
(based on the total energy), the simulation is allowed to proceed further while various properties
of the system are computed and averaged. These include the average energy of the cell, the spe-
cific heat and bond correlations.

While these simulations do not attempt to mimic the detailed dynamics of the equilibration
process, they do offer a qualitative view of the effects of rapid versus slow cooling of the system.
The temperature treatment (that is, the size of the steps between the various temperatures consid-
ered in the cascade) is of critical importance in determining the final state of the system. Slow
cooling results in a highly ordered low temperature state, while rapid cooling results in a system
with grain structure.

As mentioned before, the geometry to be used is the B2 structure with periodic boundary con-
ditions in directions perpendicular to the (110) faces of the film (Fig. 3). The film thickness -
which corresponds to 14 atomic planes- ranges from 2.1 to 2.2 nm, depending on the number and
type of atomic species included (2.136 nm for Ni-33A1-34Cr, 2.137 nm for Ni-48Al-2Ti, 2.146
nm for Ni-45A1-5Ti, 2.156 nm for Ni-40Al-10Ti, 2.147 nm for Ni-23Al-10Ti-34Cr and 2.183 nm
for Ni-24A1-24Ti-2Cu).
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BOTTOM SURFACE

Figure 3.—Thin film computational binary cell: the
cell contains 1024 atoms and is periodic in the two
directions perpendicular to the (110) surfaces
{top and bottom planes).
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5.a. NiAl

Fig. 4 shows the results for a binary NiAl alloy, comparing a bulk cell (Fig. 4.a)(periodic in all
three directions) displaying perfect B2 ordering, with a similar size cell corresponding to a por-
tion of a film (Fig. 4.b) (periodic in only two directions, perpendicular to the top and bottom
planes). For clarity, we also show a stretched version of each cell in order to clearly distinguish
the differences in atomic distributions between the bulk and film cells. The film cell is stretched
along the axis perpendicular to the surface. Also, in order to give some indication on the variety of
possible outcomes of a Monte Carlo calculation in terms of the initial state as well as the temper-
ature treatment, the results of two separate simulations are shown for the case of the film.

The most salient feature in the film structure is the formation of an Al surface plane on both
sides of the film, at the expense, mostly, of Al atoms that were originally in planes close to the sur-
face. Very little change in composition is observed in planes near the center of the film which, of
course, simulate a bulk environment. The formation of an Al plane at the surface is in agreement
with recent experimental results [45] and it can be easily explained in terms of the larger size of
the Al atoms as well as by the low surface energy of pure Al surfaces.

A way to roughly measure the changes in composition between the bulk and the film cell is
given by the coordination matrix, whose element ¢ indicates the probability that an atom of spe-

cies i has an atom of species j as a nearest neighbor. Defined that way, a perfect bulk B2 structure

01 (17
10

with the first column and row assigned to Ni and the second to Al. Similarly, the ideal Heusler

would be described by

coordination matrix (i.e. Ni,AlTi) is

000505
1.0 0.0 0.0 °
1.0 0.0 0.0

(18)

indicating that Al and Ti are located in one sublattice (so that they only have Ni atoms as nearest

neighbors) and Ni atoms in the other sublattice (having equal number of Al and Ti atoms as near-
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Figure 4.—(a) Thin film computational cell (1024 atoms) for NiAl: the first two columns represent the stretch
cells resulting from two different Monte Carlo simulations (different initial state, same temperature treat-
ment). The compact cell corresponds to the second stretched cell. (b) Bulk cell for NiAl with the same
number atoms.
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est neighbors). For the film cell, the coordination matrix at the final stage of the Monte Carlo sim-

ulation is

0.27 0.73 (19)
0.37 0.63

indicating the formation of mostly pure Al surface planes by the large probability (0.63) of Al-Al
nearest-neighbor pairs (mostly in the top two planes on each side of the film) and some Ni-Ni

nearest-neighbor pairs due to the Ni antistructure atoms abundant in Al-poor regions of the film.

5.b. NiAl+Ti

The addition of Ti introduces some changes in the composition of the planes close to the sur-
faces. These examples are shown in Fig. 5 where stretched bulk and film cells are shown for three
NiAl-Ti alloys: Ni-47.7A1-2.3Ti, Ni-45A1-5Ti and Ni-40.2A1-9.8Ti. The final state coordination

matrices are (the successive rows and columns correspond to Ni, Al and Ti, respectively)

0.2045 0.6705 0.1250
0.3114 0.6382 0.0504 (20)
0.7500 0.2500 0.0000

for Ni-47.7A1-2.3Ti,

0.2614 0.4659 0.2727
0.2344 0.6224 0.8432 (2
0.7143 0.2857 0.0000

for Ni-45A1-5Ti and

0.2143 0.4643 0.3214
0.2240 0.6224 0.1535 (22)
0.7167 0.2833 0.0000

for Ni-40.2A1-9.8Ti. The first example, Ni-47.7Al1-2.3Ti, reproduces the main feature of the previ-
ous case (NiAl), consisting of the segregation of Al atoms to the surface, a feature that is common

to all cases. While the bulk cell contains the Ti atoms in solid solution in the NiAl matrix, the thin
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Figure 5.—Results of Monte Carlo simulations for three NiAl-Ti alloys: (a) Ni-47.7Al-2.3Ti, (b) Ni-45Ai-5Ti and
(c) Ni-40.2A1-9.8Ti. In each case, the first two stretched cells indicate the results of two different simulations

while the third cell shows the corresponding bulk cell (periodic
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film displays additional segregation of all Ti atoms to the plane below the surface, with hints of a
preferential ordering pattern (Fig. 5.a).

This effect is more noticeable in the Ni-45A1-5Ti alloy: segregation of Ti atoms to the plane
below the surface is again observed, with the additional feature that an ordered Ni-Al-Ti 2- (or
perhaps 3-) layer alloy is thus defined. A few Ti atoms remain in solid solution in the bulk of the
film (Fig. 5.b). Above the solubility limit, the third example (Fig. 5.c) repeats the previously
described features with the addition of the formation of Heusler precipitates - as expected - in the
bulk. The results of two different simulations also suggest that the second plane below the surface
remains a pure Ni-Al plane, with the formation of Heusler precipitates restricted to the center of
the film. This explains the decrease in the c|; = cy;y,; ¢lement in the coordination matrix for this
alloy in contrast to that for Ni-45A1-5Ti: the larger concentration does not reflect into additional
coordination, with most of the Ni-Ni bonds being those between atoms in the second and third
plane below the surface plane.

The formation of Heusler precipitates is to be expected given the bulk environment at the cen-
ter of the film. So is the segregation of Al to the surface plane as discussed earlier. The most
salient new feature in this simulation is therefore the formation of a surface Ni,Al;Ti alloy whose
existence, of course, should be verified by relaxing some of the limitations imposed in this calcu-
lation where no relaxation of atomic planes or individual atoms, nor surface reconstruction, were
allowed.

To complete the discussion on Ni-Al-Ti alloys, we show the Ni;AlTi Heusler alloy (Fig. 6).
The bulk cell displays the perfect Heusler ordering while the film cell once again shows most of
the features already seen in the Ni-40.2A1-9.8Ti case: segregation of Al to the surface, of Ti to all
Al sites in the second plane and a large number of Heusler precipitates toward the center of the
film. In addition, there is a noticeable presence of Ti in the top plane and, once again, a Ti deple-
tion in the second plane below the surface, reaffirming the previously discussed formation of a ter-
nary surface alloy in the top three planes of the film, characterized by Ni-depletion of the top
plane, resulting in a Ti-Al surface, Ti-enrichment (substituting for Al) in the second plane and Ti-

depletion for the third plane, just before the film recovers essentially the bulk structure.
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Figure 6.—(a) Thin film cell and (b) bulk celi for Ni-25Al-25Ti.
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5.c. NiAl + Cr

Cr additions to NiAl display a different behavior than that seen in NiAl-Ti alloys. The solubil-
ity limit of Cr in NiAl is between 1 and 2 at. % Cr. The example analyzed in this work, Ni-33Al-
34Cr, was chosen due to the availability of experimental data for the bulk alloy. TEM analysis
shows the clear formation of a-Cr precipitates, a feature that is also clearly predicted by the BFS
calculations shown in Fig. 7.a, where a slow cooling of the sample induces the formation of an o-
Cr precipitate, with the same orientation found experimentally.

The experimental results also show the formation of dislocation lines due to the misfit
between the a—Cr precipitate and the NiAl matrix. The formation of Cr precipitates is therefore to
be expected in Ni-rich alloys with Cr additions above the solubility limit. BFS calculations con-
firm this expectation [49] as well as the presence of a third, ¥-Ni phase for a certain range of Al
and Cr, in agreement with the phase diagram for these systems. The corresponding film (Fig. 7.b)
shows three distinctive features: segregation of Al to the surface plane (similar to the behavior
observed in NiAl-Ti alloys), the formation of a Cr precipitate immediately below the surface and
some segregation of Cr to the otherwise pure Ni plane in the face of the film opposite to that
where the o—Cr precipitate forms. The site preference of Cr for Al sites in NiAl alloys favors
short range order in what otherwise could be considered a ternary ordered Ni-Al-Cr surface alloy.
in a similar fashion to that found in Ni-Al-Ti in our previous discussion.

The fact that the Cr precipitate forms only on one side of the film instead of partitioning
between the two sides could be a result of the limited size of the computational cell and the
uneven presence of Cr atoms in the initial random distribution, which could favor nucleation of

the Cr precipitate on a specific side of the film.
5.d. NiAl + Cu

Finally, we discuss Cu additions to NiAl. The BFS calculations indicate a weak Cu preference
for Al sites, with just 0.02 eV energy difference between the Cu(Al) and the Cu(Ni)Al cases
where A(B) indicates an atom A in a B site and A(B)C indicates the same situation but with the
displaced B atom occupying a C site. However, the site preference for Al sites is more pronounced
with increasing concentration, thus predicting a dominant Cu(Al) substitutional scheme with few
Ni antistructure atoms. The weak site preference of Cu additions can be explained by the compe-

tition between the new, energetically favorable, Cu-Al bonds created when Cu substitutes for Ni
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Figure 7.—(a) Bulk cell for Ni-33AI-34Cr and (b) thin film cell for the same composition (the resuits of two different
simulations are shown).
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and the corresponding number of Ni-Al bonds eliminated in the process, which makes the
Cu(Ni)Al substitutional defect quite close in energy to the preferable Cu(Al) case.

Fig. 8 shows some characteristic results for Cu in NiAl. Simulations were performed for sev-
eral films (a computational cell of 960 atoms) containing different Cu concentrations. The effect
seen is more pronounced in films with the (100) orientation, therefore we show results for that
face only.

The simulations predict two types of behavior: the state with lowest energy consists of an Al
surface plane with all the available Cu atoms occupying sites in this plane. A Ni/AI/Ni stacking
pattern follows, where all the Al planes contain some antistructure Ni atoms. This configuration -
the one with the lowest energy for all Cu concentrations - competes with one that is very close in
energy but that displays a quite different concentration pattern: the surface plane is pure Al fol-
lowed by a one-plane mix of all three elements, in turn followed by the bulk Ni/Al/Ni pattern. The
existence of the two consecutive Ni-rich planes is afforded due to the presence of all three ele-
ments in one of them. The simulations reach both final states, as is to be expected due to their
small energy difference. The likelihood of reaching the high energy state (characterized by a pure
Al surface plane) decreases with increasing Cu concentration: it is observed that above 3 at. % Cu,
all simulations yield the Al+Cu surface plane configuration as the final state.

One simple explanation of this dual behavior can be given in terms of strain effects. Both Cu
and Al show segregation tendencies in Ni alloy, however the larger size of Al and its predomi-
nance in low Cu concentration systems favors then the formation of a pure Al plane with the Cu
atoms having no chance of segregating to this plane, and are thus relegated to the first plane
below. As the Cu concentration increases (and the number of Al atoms decreases), the competi-
tion between both species reaches the point where Cu atoms segregate to the surface plane thus
yielding the observed ordering pattern, which forces the presence of antistructure Ni atoms in Al
planes. The small energy difference between the two structures, just 0.03 eV/atom indicates that
the most likely surface composition scheme could actually be a mixture of both cases. Still, the
lower energy state consists basically of the one expected for binary Ni-rich alloys (Al-rich surface
plane followed by alternating Ni and Al planes with the excess Ni atoms appearing as antistruc-

ture atoms in the Al planes), with the addition of Cu atoms in the surface.
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e =-0.1728 eV/atom

Ni - 48.96 Al - 1.04 Cu'!

e =-0.2070 eV/atom ——

Ni - 48.02 Al - 1.98 Cu

Ni - 47.50 Al - 2.50 Cu

i
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Figure 8.—Thin film cell for (100) Ni-Al-Cu fitms. The top two films correspond to the two lowest
energy configurations of Ni-48.96Al-1.04 Cu. The second case (third row) is Ni-48.02Al-1.98,
showing how a metastable state can be reached as a result of the Monte Carlo simulation. Finally
the third case (fourth row), which corresponds to a Ni-47.50AI1-2.50 Cu (110) film indicates typical
results for larger Cu concentrations.
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S.e. NiAl + (Ti,Cr)/(Ti,Cu)

We now consider the quaternary systems NiAlTiX (X = Cu,Cr) contrasting the predicted
behavior with that already described for the ternary systems. Fig. 9.a shows results for Ni-23Al-
10Ti-34Cr, whose composition was chosen due to the already known separate behavior of Ti and
Cr, as discussed in previous paragraphs.

The formation of a nearly pure Ti surface on top of the expected Cr precipitate continues the
trend already observed in the Ni-40Al-10Ti case, where Ti segregated to the plane below the sur-
face. The lower Al concentration in the current system also facilitates the formation of this Ti
plane. Otherwise, all known features are also found on the other side of the film: formation of an
Al surface plane, a Ti-Ni mix immediately below, and the remaining Ti atoms displaying some
short range ordering in the Ni-Al bulk planes of the film. This Ti-Al surface plane forms at the
expense of a more predominant presence of Ti in the NiAl matrix - seen in the ternary case- so
that the Heusler precipitates are virtually nonexistent in this quaternary alloy.

It is interesting to note that a pure Ni phase separates the Cr precipitate from the Ni-Al matrix,
which is consistent with the three-phase bulk alloy found at that concentration. This example is
useful in the sense that it clearly distinguishes between ‘bulk alloy’ features (i.e. formation of the
Cr precipitate, Ti in solid solution in the alloy, formation of new Ni phases) and ‘surface alloy’
features (i.e. formation of the Ni-Al-Ti phase on one face of the film and formation of the Ti sur-
face plane on the side with the Cr precipitate). Obviously, a much larger number of examples
should be studied before making any definite statement regarding the observed behavior, carefully
considering the dependence of the final results on several intervening factors. Moreover, some of
the restrictions imposed in this calculation should be relaxed if meaningful comparisons with
future experiments are ever made.

Nonetheless, the goal of the present study, which is to test the ability of the BFS method to
provide information on complex systems intractable by other techniques, has been realized,
regardless of the limitations imposed, as none of them are based on shortcomings of the method
itself. All the restrictions imposed in this calculation were made for the sake of simplicity and to
clarify the discussion of results: with such complex systems, it becomes strictly necessary to
freeze certain degrees of freedom in order to gain understanding on simple, basic effects that ulti-

mately determine the behavior of the system.
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Figure 9.—(a) Monte Carlo results for thin film cells of Ni-23AI-10Ti-34Cr and
(b) Ni-24A1-24Ti-4Cu.

NASA/TM—1999-209042 42



By fixing the type of crystallographic structure - perhaps one of the most serious limitations -
we are severely limiting the study to what might probably be an unrealistic situation. In the partic-
ular examples studied, there is enough experimental evidence to support and justify the use of
such restriction, but this might not be true in general. However, imposing such constraint enables
us to single out other features, like the influence of more than one alloying addition in the same
basic system.

This is clearly shown in the last example to be discussed in this paper: Ni-24Al-24Ti-2Cu
shown in Fig. 9.b. This is basically a Heusler alloy with small Cu additions. The bulk alloy, con-
sistent with the site preference scheme of Cu in Ni-Al-Ti alloys [50] indicates that Cu will occupy
Al sites forming a quaternary ordered structure. The film, however, clearly exhibits a quite differ-
ent behavior, where the segregation of Cu to the Al-surface planes is clearly dominant. Otherwise,
the structure of the film is basically identical to that previously seen in Fig. 7, indicating that the
surface effect, i.e. segregation of Cu to the top plane, is ‘decoupled’ from any effect that Cu might

have in the bulk structure of this system.

6. Conclusions

Surface and interfacial segregation are phenomena with great technological importance [51].
They affect both the chemistry of surfaces and the strength of interfaces. Some important affected
areas include crystal growth, catalysis, semiconducting interfaces and the mechanical strength of
solids affected by grain boundary segregation. Although theory has lagged behind experiment,
now first-principles and semi-empirical methods have arrived at a point where they can aid in
understanding and supplementing experiment, and be used for prediction of properties. In this
paper, we present predictions using a relatively new, semiempirical method, BFS, of the surface
and bulk properties of multi-component, alloy thin films for which BFS is particularly simple and
applicable.

The choice of alloys studied in this work was made so that a close link with the existing body
of experimental data was kept and a natural progression from binary to quaternary alloys was fol-
lowed. The possibilities, even for such a small number of elements, are endless. The examples
studied are limited in number and scope to extract from these results a general idea of the domi-

nant behavior. However, the main goal of this work is to show that the methodology exists to
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attempt such a study and that the insight that could be gained from the theoretical and numerical
analysis shown should be proof that a comprehensive approach, including atomistic modeling and
experimental work, should be attempted in order to reasonably deal with such complex systems as
the ones discussed here. It is our hope that these results will also serve to inspire further first-prin-
ciples, experimental and theoretical studies. We have also presented evidence of the accuracy of
BFS in predicting segregation and segregation related phenomena. Work is currently in progress
for providing further thermodynamic approaches for studying multi-component systems with

BFS.
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